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Abstract
The kinetics of primary α-Ti colony/Widmansta¨tten plate growth from the β are examined, comparing model to experiment. The
plate growth velocity depends sensitively both on the diffusivity D(T ) of the rate-limiting species and on the supersaturation around
the growing plate. These result in a maxima in growth velocity around 40 K below the transus, once sufficient supersaturation is
available to drive plate growth. In Ti-6246, the plate growth velocity was found to be around 0.32µm min−1 at 850 ◦C, which was
in good agreement with the model prediction of 0.36µm min−1. The solute field around the growing plates, and the plate thickness,
was found to be quite variable, due to the intergrowth of plates and soft impingement. This solute field was found to extend to up
to 30 nm, and the interface concentration in the β was found to be around 6.4 at.% Mo. It was found that increasing O content
will have minimal effect on the plate lengths expected during continuous cooling; in contrast, Mo approximately doubles the plate
lengths obtained for every 2 wt.% Mo reduction. Alloys using V as the β stabiliser instead of Mo are expected to have much faster
plate growth kinetics at nominally equivalent V contents. These findings will provide a useful tool for the integrated design of
alloys and process routes to achieve tailored microstructures.
Keywords: Titanium alloys, Transmission electron microscopy (TEM), Atom probe tomography (APT), Phase transformation
kinetics, Modelling
1. Introduction
Titanium alloys are widely used in aerospace gas turbines
owing to their unrivalled specific fatigue-allowable strengths
[1, 2]. In the cold sections of the engine, e.g. the fan, Ti-6Al-
4V is used in large forgings (discs) and plate and bar (blades),
primarily owing to its relatively low density and ease of forging
and machinability [3]. In the highest temperature sections of the
compressor, near-α alloys are used due to their favourable creep
performance, as the solute diffusivity is lowest in the hexagonal
close packed alpha phase [4, 5]. Often, strongly β stabilised
alloys such as Ti-17 and Ti-6Al-2Sn-4Zr-6Mo are also used
at intermediate temperatures in the compressor, since they re-
tain their strengths to higher temperatures than Ti-6Al-4V [2].
However, their elevated Mo content reduces forgeability and
machinability and increases the density. Nevertheless Mo pro-
vides the opportunity to slow down the kinetics of formation of
the α phase [6], enabling basketweave multi-variant primary α
microstructures to be attained with a high fraction of secondary
αs, which result in a very strong, fatigue resistant alloy [7].
In the scheme of Ti-6246 processing, the cooling rate from
the β can be controlled in order to ensure that the primary α,
which nucleates at the prior beta grain boundaries, fills the prior
β grains. This is then followed by an ageing heat treatment to
precipitate out the secondary α from solution the finest possible
plate thickness. These three parameters - the cooling rate from
the β, the secondary ageing temperature and ageing time, enable
the desired strength-toughness balance to be chosen according
to the application. However, a process model of the primary α
growth has not been presented, and therefore such optimisation
has historically been performed empirically [1].
Classical quasi-analytical models for α precipitation have
been developed by Semiatin and co-workers [8, 9]. They used
the Ivantsov solution [10] for parabolic growth in an infinite
medium, which was developed for the cases of 2D paraboloids
by Horvay and Cahn[11], taking the spherical solution to ex-
amine globular precipitate growth during the globularisation
heat treatment step in Ti-6Al-4V [12, 13]. They found that the
growth of globular primary α is well defined by a diffusion con-
trolled process, based upon diffusion of aluminium and vana-
dium. However the constant radius solution as outlined in their
work underestimates the growth rate of primary α. The model
can also be applied to predict the temperature at which primary
α ceases forming and secondary α growth begins. Therefore, a
successful scheme exists for the modelling of α precipitation
and growth, but has not been applied to the growth of lath-
shaped primary α from the grain boundaries.
Colony and Widmansta¨tten microstructures are produced by
varying the cooling rate from the β phase field; a slow cooling
rate will result in a colony αmicrostructure, and a rapid cooling
rate will result in a basketweave microstructure [14, 15]. The
α phase grows in accordance with the Burgers orientation rela-
tionship {0001} ‖ {110}, which provides an interface with the
lowest dislocation energy [16]. Nucleation commonly occurs
from the prior β grain boundary, as titanium lacks ceramic in-
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clusions or other heterogeneous nucleation sites. At slow cool-
ing rates, a grain boundary film of α often forms, particularly
where the recrystallisation texture gives rise to β grain bound-
aries where an α crystallographic variant can be found that sat-
isfies the Burgers orientation relationship on both sides of the
grain boundary. This has been suggested to result in the sur-
vival of the α texture on cycling above the β transus [17]. Grain
boundary α is commonly held to result in poor fatigue perfor-
mance. Where such a grain boundary film forms, growth of
the Widmansta¨tten α colony then occurs from the grain bound-
ary α. At higher cooling rates, a basketweave microstructure
can be formed [18], where the growing αp plates branch, form-
ing different crystallographic variants [19, 20, 21]. The for-
mation of a variety of αp and αs variants is likely to be im-
portant, because slip bands can be easily transmitted between
similarly oriented grains [22], particularly if the α phase is rich
enough in Al that low temperature ageing precipitates the α2
Ti3Al phase [23, 24, 25, 26]. Slip localisation can also be asso-
ciated with other effects, such as hydrogen and stress corrosion
embrittlement [27].
From an industrial perspective and in the framework of Inte-
grated Computational Materials Engineering (ICME), it would
therefore be useful to possess a simple model for primary α pre-
cipitation that could act as a guide to optimise the cooling rate
from the β field. Here we develop and test such a model. The
diffusion field around the primary α plates is examined by atom
probe tomography (APT) and scanning transmission electron
microscopy-energy dispersive x-ray (STEM-EDX) for the pur-
poses of comparison, along with measurement of the growth
rate from isothermal holding experiments. The model is then
used to develop processing maps to characterise the effect of
cooling rate on the ability to fill the prior β grain.
2. Modelling
2.1. Growth Velocity Model
Ivantsov [10] and Horvay and Cahn [11] first developed a
solution for the thermal diffusion problem around a growing
paraboloid, making the assumption that the compositional ma-
trix around the growing precipitate is constant1. However, for
isothermal transformation, the interfacial curvature and kinet-
ics must be taken into account. Bosze and Trivedi, [30, 29] and
Liu and Chang [31] developed the approach, using the Ivantsov
equation with the Trivedi modification and applying this to car-
bon composition close to an interface with curvature. In the
present work, the growing alpha plate is treated as a paraboloid
with tip growth velocity V, Figure 1.
The radius of curvature of the tip R, diffusivity D and veloc-
ity are inter-related through the Peclet number, P, Equation 1.
The Peclet number is a dimensionless speed of advancement,
obtained from Ivantsov’s solution to the diffusion equation, 2:
1The presentation here is largely unchanged from that obtainable by follow-
ing through the literature [10, 11, 28], but is presented in a single treatment here
for clarity; the interested reader should be aware that there is a typographical
error in Equation 1 of [29]
P = VR/2D(T ) (1)
Ω =
√
piPeP(1 − erfc√P) (2)
where Ω is the supersaturation, Equation 3, which is a ther-
modynamic parameter of the system; 0 ≤ Ω ≤ 1.
Ω(T ) =
C0 −Cβ
C0 −Cα (3)
Here, Cβ is the far-field β composition (alloy composition),
Cα is the interface concentration in the growing α lath, andC0 is
the solubility in the β at the interface. Solving Equation 2 (nu-
merically) for P gives a dependence of velocity on temperature
T , through its effect on Ω and D.
2.2. Diffusion Model
For validation of the growth velocity model, we compare the
diffusion fields around the growing plates. In the mathematical
procedure first used by Aaron et al. [32], the growing primary
α plate is treated as an isolated precipitate of radius R within an
infinite βmatrix, in a diffusion-limited transformation governed
by Fick’s second law
D∇2C = ∂C/∂t (4)
where D is the diffusion coefficient in the matrix and C =
C(r, t) is the concentration field around the α precipitate in the
β matrix, with the boundary conditions:
C(r = R, t) = C0 0 < t ≤ ∞
C(r, t = 0) = Cβ r ≥ R
C(r = ∞, t) = Cβ 0 ≤ t ≤ ∞
(5)
where r=R at the α/β interface. The flux balance must be
satisfied:
(Cα −C0)dRdt = D
∂C
∂R
∣∣∣∣
r=R
(6)
where Cα is the composition of the growing α phase. For
planar growth, Equation 4 becomes:
C(x, t) −Cβ = (C0 −Cβ) erfc[(x/2)
√
Dt]
erfc(λ)
(7)
where x = S at the α/β interface; x is the Cartesian distance
from the flat interface, Figure 1. The exact solution for this
boundary condition is:
S = 2λ
√
Dt (8)
where λ is the solution to:
√
piλ exp{λ2} erfcλ = −Ω/4 (9)
where the supersaturation is Ω. Alternately, if the interface is
assumed to be in a stationary steady-state, the following ap-
proximation can be used:
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Figure 1: The model describes a growing α plate within a β grain. The α plate is treated as a moving parabola, with an x and z component, forming the basis of the
2-dimensional model. The parabola has a radius of curvature R and is growing with velocity V. Cα is the composition of the α phase, Cβ is the composition of the β
phase above the transus and C0 is the composition at the interface. These values can be taken from the Ti-Mo phase diagram, or by using a thermodynamic database
software such as Thermocalc or Pandat. The resulting compositions can be used for modeling both the velocity of the growing αp plate and the diffusion field of
Mo away from the interface.
C(r, t) −Cβ = (C0 −Cβ)erfc
{ x − S
2
√
Dt
}
(10)
As S = 0 when t = 0, it can be said that
S = − 2Ω√
pi
√
Dt (11)
Equations (4) to (11) can be arranged to obtain the concentra-
tion gradient away from the interface, dependent on the concen-
tration in the α and β phases and the temperature.
3. Experimental Procedure
Samples were prepared from a high pressure compres-
sor disc of measured (by scanning electron microscope-
energy dispersive x-ray SEM-EDX) composition Ti-6Al-2Sn-
4Zr-6Mo (wt%), corresponding to Ti-10.8Al-0.82Sn-2.13Zr-
3.04Mo (at.%), supplied by Rolls-Royce plc. Derby. A typi-
cal heat chemistry provided by Timet for this product is around
1050 wppm O.
A 5 kN Instron electro-thermal mechanical testing (ETMT)
machine was used to rapidly change the temperature of the ma-
terial in order to determine the isothermal growth rate of Wid-
mansta¨tten α plates, Figures 2–3. 2 × 2 × 50 mm samples of
as-received Ti-6246 were tested in backfilled argon under load
control at 900, 850 and 800 ◦C, at hold times of 5–50 min.
Temperature measurement during testing was achieved by spot-
welding a K-type thermocouple to the central portion of the
specimen. Consistent with the design of the ETMT machine,
specimens were heated using electrical resistance by passing
a direct current through the specimen. After testing, the sam-
ples were sectioned at the spot weld and prepared using stan-
dard metallographic procedures. Electron backscatter diffrac-
tion (EBSD) was performed using either a Zeiss Sigma 300
SEM or Zeiss Auriga FEG-SEM. An Oxford Instruments HKL
eFlash EBSD detector was used to identify the orientation of
the grains to ensure that the primary α laths that were mea-
sured had an orientation where (0002)α||{110}β was normal to
Figure 2: Electro-Thermal Mechanical Testing (ETMT) was used to achieve
rapid heating and cooling rates. A ‘matchstick’ sample of Ti-6246, 50 × 50 ×
2 mm, was held between water cooled steel grips. A Pt-Rh control thermocou-
ple was attached at the central point of the sample and the sample heated by
resistive heating.
the sample plane, to avoid stereological effects in the measure-
ment of plate length. Images were then collected in backscatter
mode at 8 kV and at 5 mm working distance in order to measure
the plate growth lengths, Figure 4, and measurements taken us-
ing the ImageJ open source software package.
Transmission electron microscopy and atom probe tomog-
raphy specimens were prepared from the same sample, in or-
der to measure the diffusion profiles around the αp plates. A
10 × 10 × 10 mm sample was heat treated for 30 min at 960◦C
then cooled at 7◦C min−1 to 800◦C, followed by manual wa-
ter quenching, Figure 5. Samples for transmission electron
microscopy (TEM) were first investigated using a Zeiss Au-
riga FEG-SEM fitted with an Oxford Instruments HKL eFlash
EBSD detector to ensure that the (0002)α||{110}β directions
were contained with the foil plane. Foils and atom probe nee-
dles were then prepared using an FEI Helios NanoLab 600 Du-
alBeam system equipped with an OmniprobeTM using standard
procedures [33, 34]. Transmission electron microscopy was
then performed using a JEOL 2100F 200kV, with use of an
Oxford Instruments EDS detector and Aztec software. Atom
probe tomography was performed using a LEAP 5000XR in
laser mode with a laser energy of 40 pJ, at a temperature of 50 K
and a pulse rate of 200 kHz. APT data was reconstructed using
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Figure 3: Schematic of the applied heat treatments during ETMT testing to
measure the kinetics of Widmansta¨tten plate growth. Inset table shows final
temperatures and hold times for the samples. (b) shows the effectiveness of the
temperature control at transition points.
the IVAS software which is based on the conventional reverse
projection algorithm [35].
4. Results
4.1. Velocity of Primary Alpha Growth
The Pandat-predicted (Computherm, LLC) equilibrium
phase compositions and corresponding thermodynamic param-
eters were obtained, for Ti-6246 containing 1050 ppmw O.
From these, the supersaturation, Ω, and partition coefficient,
k, were derived. It can be observed that close to the transus,
at high temperatures, Ω is small, and increases as the tempera-
ture drops, Figure 6. This is a simple consequence of the phase
diagram; at the transus, C0 = Cβ, and so there is no chemical
activity ‘push’ from supersaturation to diffuse away rejected so-
lute. In turn, when Ω is large, the Peclet number is large, and
so, since the growth velocity is proportional to P, the supersat-
uration would result in higher growth velocities at lower tem-
peratures. The plate tip radius R used in the model has been
inferred experimentally from the observed plate thickness (2R)
of 0.75µm; it may be that this is temperature-dependent, but
at this stage in the development of the theory, this aspect of
plate growth is not captured. The growth velocity V is also
proportional to the diffusivity D, which has a slightly stronger
temperature dependence than that of P. Since V = 2DP/R, the
velocity term is a consequence of both the ability of the matrix
to diffuse the solute hill away from the interface and the super-
saturation; at low temperatures growth is inhibited due to the
diffusivity, whereas at high temperatures P(Ω) is small. Hence
there is a maximum in the growth velocity at around 870◦C.
Figure 4: To obtain lengths for velocity calculations, the following procedure
was completed: (a) EBSD was collected to find an area where the α laths were
normal to the viewing plane, in the (0002)α ||{110}β direction, (b) the area was
then viewed using backscattered diffraction and matched with the EBSD image
to ensure the same grain was measured, (c) higher resolution backscatter imag-
ing was done to view the grains, (d) the length was measured along a minimum
of 20 α grains, from the grain boundary to the tip. The α width of these grains
was also measured using ImageJ.
The experimental validation of the model can now be con-
sidered. The observed transus was 940◦C, compared to a pre-
diction of 954◦C. The observed microstructures are shown in
Figure 7, showing typical Widmansta¨tten plate lengths grown
from the prior β grain boundaries after different isothermal age-
ing times.
The equilibrium volume fraction eventually obtained of pri-
mary α at 800◦C is significantly greater than at 900◦C. In these
images, the α phase appears dark due to the atomic number con-
trast obtained in backscatter electron imaging. At short times at
850◦C and 900◦C (A1-2, B1-2), it is difficult to see much con-
trast between the phases. This is due to the sample not reach-
ing chemical equilibrium during time at temperature, as the ve-
locity of growth is slower. All images were taken at a beam
voltage of 8kV with the smallest possible working distance, to
maximise resolution. This was particularly useful for imaging
smaller α grains, and ensured the best possible image resolu-
tion, reducing some of the uncertainty in the α length measure-
ments.
EBSD measurements were challenging, because of the thin-
ness of the α plates and the residual strain from the transforma-
tion, which was not relaxed due to the quenching applied. This
was rectified by etching the samples in Kroll’s solution (100 ml
H2O, 6 ml HNO3, 3 ml HF) for 5 seconds, then polishing in
colloidal silica suspension (OPS) for a further 5 minutes to re-
move the heavily damaged layer, and to prevent shadowing due
to topographical relief when collecting the EBSD maps. In the
samples where this step did not improve the resulting patterns,
EBSD was completed at a beam voltage of 30 kV to increase
signal from the α phase. Using these steps allowed the selec-
tion of appropriate grains for measurement.
The evolution of plate length with temperature and the mea-
sured plate growth velocities are provided in Figure 8. It is
found that the velocity increases with temperature, and that the
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Figure 5: A light micrograph taken using cross-polarising filters showing the
microstructure of the alloy after being treated at 960◦C, cooled at 7◦C min−1 to
800◦C and water quenched manually. α laths appear dark whilst the β phase
appears light. This provided primary α laths devoid of secondary α to lift out
FIB and APT samples.
.!!"!%
Figure 6: Modelling results (a) Effect of temperature on supersaturations Ω and
k, (b) effect of supersaturation Ω on dimensionless velocity P, (c) relationship
of temperature to diffusivity of Mo in β-Ti and P. Finally (d) relationship of
calculated plate tip velocity V to temperature, and the prediction equilibrium α
mole fraction. The points are the measured growth velocities, Figure 8.
growth rate is around 0.32±0.002µm min−1 at 850 ◦C. This
agrees well with the model, which predicts 0.36µm min−1 at
this temperature, which is very encouraging. All three model
predictions are within 20% of the measured velocities. It should
be noted that experimental validation was not possible at the
highest temperatures close to the transus, where the growth rate
would be expected to drop.
Interestingly, the data imply that there is an initial burst of
plate growth as the diffusion field is established before steady-
state is reached, and that this effect is reduced at higher tem-
peratures. A similar effect is often observed in the analogous
problem of dendrite growth during solidification using in situ
Figure 7: Backscattered electron images of αp plate growth during isothermal
growth using an electro-thermal mechanical tester with resistance heating. A1-
A5, growth at 850◦C at times of 5, 10, 15, 20 and 40 min respectively. B1-2,
growth at 900◦C for 10 and 20 min. C1-2, growth at 800◦C for 20 and 40 min.
Figure 8: Evolution of Widmansta¨tten α plate length with temperature. Each
measurement represents an average of a minimum of 20 plates, taken from at
least two different prior β grain boundaries in each sample, allowing uncertain-
ties to be derived. The inferred straight line fits to the plate growth velocity are
inset, along with the modelling results.
solidification radiography [36, 37], and is a consequence of nu-
cleation undercooling. It is also observed that a grain bound-
ary α film is present in the samples cooled to 850 ◦C, which is
thinner in the α grown at higher temperatures. Therefore, it is
implied that thicker grain boundary α films provide better nu-
cleation sites for initial colony α growth.
The model results are strongly dependent on the diffusivity
assumed. The diffusivity data available relate to electron probe
5
Figure 9: Diffusion of molybdenum away from the α/β interface, for α plate
growth at 800◦C using the predicted phase solubilities from Pandat.
microanalysis and metallographic measurements that date to
1963 [38, 39], with D0 = 1.23 × 10−8 m2 s−1 and Q/R =
16, 600 K, and relate to the isolated β phase at temperatures in
excess of 1000◦C. Their extrapolation to low temperatures in
the α + β phase field therefore results in significant differences
between the measurements, over 3×, at 850 ◦C. The interface
solubility in the β is probably reasonably well described by ther-
modynamic databases, as these are calibrated against experi-
ment, whereas the plate widths R observed can be quite vari-
able. Therefore approximate agreement is probably the best
that can reasonably be expected given the uncertainties in the
experimental data; this argues strongly that future effort should
be directed at improving the diffusivity data before more elabo-
rate modelling approaches such as phase-field modelling could
be applied to provide improved fidelity.
4.2. Mo Diffusion around Growing Plates
A further source of validation of the model can be found from
examination of the solute pile-up around the growing α plates.
The predicted steady-state diffusion profile at 800 ◦C is shown
in Figure 9. As Mo is a β stabiliser, it is rejected into the sur-
rounding matrix as the α grows. Mo is the slowest diffusing
element in the alloy system [39, 6], and therefore is the rate-
limiting species. At this temperature, C0 (the interface solubil-
ity from Pandat) is 6.4 at%, whilst the far-field composition Cβ
is the alloy composition, 6 wt.% or 3.0 at.%.
A high angle annular dark field-STEM image (HAADF-
STEM) of a series of plates is shown in Figure 10. It can be
observed that the plate widths and spacings are quite hetero-
geneous, varying by more than a factor of three. The corre-
sponding STEM-EDX linescan results are shown in Figure 10;
as expected, Mo is rejected from the growing α plate and Al
is absorbed. It can be observed that the interface concentra-
tion of Mo in the β phase is quite variable, even for well sepa-
rated plates. In addition, because the plate growth results in soft
impingement of the diffusion fields, the far-field concentration
does not always return to that of the alloy.
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Figure 10: Measurements taken using STEM-EDX on a specimen that has been
heated to 960◦C, cooled at 7◦C min−1 to 800◦C and water quenched manually.
The solid red line on the HAADF-STEM image shows where the data was
collected during the line scan, with the α phase appearing as 6 dark grey plates
and the β phase appearing as light grey. The TEM foil was prepared so the α is
(0002) and the β is (111). The blue data represents aluminium and the red data
molybdenum. The lighter colour denotes the raw data, and the solid line shows
a 5 point average. The difference in the percentage of molybdenum can be seen
between the two phases, with a higher intensity at the α/β interface.
There are also fundamental measurement complications to
consider in the quantitative as opposed to qualitative utilisa-
tion of STEM-EDX data. The measured average Al content is
9.4 at.%, whereas the alloy content is 10.8 at.%. Absolute com-
position measurement by STEM-EDX is complicated both by
the specimen tilt towards the detector, specimen thickness and
consequent absorbtion, and by the Cliff-Lorimer kAB-factors
used, which are species- and solution-dependent [40]. While
these can be overcome through the use of appropriate standards,
this is not commonly undertaken. However, the data presented
here allow a qualitative understanding of the spatial variation
over µm lengthscales to be developed. The concentrations in
the growing α are, in comparison to the retained β, quite consis-
tent between plates, as might be expected from thermodynamic
considerations.
Therefore atom probe tomography was used to examine the
interface composition profiles. Whilst there are evaporation and
detection efficiency concerns in the atom probe, these are bet-
ter controlled for quantitative comparison than the STEM-EDX
data. The reconstruction of the needle examined is shown in
Figure 11. A number of control volumes were examined for
the purposes of determining the concentration profile in the re-
tained β away from the growing α interface, as shown. The Al
and Mo composition profiles are shown in Figure 11. It can be
seen that the measured interface concentration of molybdenum
is comparable across all measurements at around 6 at.%. Nee-
dle 1 possessed two α laths and needle 2 one α lath that were
measured; the concentration of Mo ions in the reconstructions
allows the β phase to be discerned.
The larger α lath in needle 1 dominates the measurement pre-
sented; the smaller lath shows a much smaller second solute hill
(profile 1a). This confirms that the Mo concentration at the α/β
interface is not constant at all the boundaries; this can also be
observed in profile 1b. This can be rationalised by considering
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Figure 11: Atom probe tomography data was collected from 2 different needles.
Each 1D concentration measurement is taken from the control cylinders shown
in needles 1 and 2. Both needles had multiple interfaces available to measure.
Al (blue) and Mo (red) are shown, with the lines representing a 5 point moving
average.
the growth sequence. First, a large plate grows, reducing the
average Mo content in the remaining β ligament. However, it
remains possible for a second plate to grow in between other
primary α plates, further depleting the β of Mo.
Nevertheless, we can now compare the measurements to the
model predictions, Figure 12. Some datasets show a much
steeper trend, which can be attributed to possibility of measur-
ing plates that formed in-between the original, ‘true’ primary
α plates. The model (black line) agreement with experiment is
considered to be good; improved agreement might be obtained
with a lower diffusivity.
5. Discussion
The model presented here can be applied to continuous cool-
ing, as applied industrially to large closed-die forgings, through
the use of Grong’s isokinetic approach [41, 42]. Here, indi-
vidual intervals of growth at each temperature during cooling
Figure 12: A comparison of diffusion fields around plates grown at 800◦C mea-
sured via atom probe tomography to the diffusion model (black line). Each
coloured dataset represents one interface from Figure 11, where the lines are a
20 point moving average provided as a guide to the eye.
Figure 13: (a) Effect of cooling rate on the final plate length with temperature
during cooling at constant cooling rates. (b) Effect of cooling rate on the final
plate length at 600◦C in a variety of model alloys in Table 1.
are numerically integrated, ignoring any second-order effects
of the differences in the diffusion fields around the growing α
plate. This approach is applicable to both dissolution and pre-
cipitation reactions.
Figure 13(a) and Table 1 show the predicted plate length with
temperature during cooling at different cooling rates. It is pre-
dicted that high cooling rates provide little opportunity for plate
growth before diffusion becomes negligible and the phase trans-
formation stops.
Figure 13(b) shows the effect of O content, which alters the
β transus, Mo content, which changes both the transus and
growth kinetics, and examines Ti-6Al-xV for comparison with
the Ti-624-xMo alloys. In all the alloys the velocity peak is
around 40 ◦C below the transus. Increasing the O content,
which will frequently be performed in order to provide solid
solution strengthening, increases the β transus by 8 K per 500
ppmw O and therefore provides the opportunity for additional
plate growth at high temperatures. However, this does not sub-
stantially affect the overall plate lengths achieved, because this
is far from the maxima in growth rate due to the low supersatu-
ration Ω.
In contrast, increasing the Mo content of Ti-624-xMo alloys
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Alloy Tβ f α V P(Ω) D × 1015 Final plate length
wt.% ◦C mol.% µm min−1 (-) m2 s−1 µm
Cooling rate (Ks−1) 10 1 0.5 0.3 0.2 0.1
Ti-6246-0.05O 946 88 0.43 0.16 9.09 0.1 1.0 2.1 3.4 5.2 10.3
Ti-6246-0.105O 954 88 0.52 0.15 9.09 0.1 1.1 2.2 3.7 5.5 11.1
Ti-6246-0.15O 961 88 0.47 0.36 9.09 0.1 1.2 2.4 3.9 5.9 11.8
Ti-624-2Mo 1004 92 0.92 0.31 9.09 0.3 3.0 6.0 9.9 14.9 29.8
Ti-624-4Mo 978 95 0.67 0.23 9.09 0.2 1.8 3.5 5.9 8.8 17.6
Ti-6Al-2V 1006 95 2.82 0.36 24.2 1 10 19 32 48 95
Ti-6Al-4V 980 87 1.32 0.23 24.2 0.3 3.2 6.4 10.7 16.0 32.0
Table 1: Effect of alloying on the predicted transus temperature Tβ, mol. fraction α at 600 ◦C; and velocity V , P(Ω) and diffusivity D at 900 ◦C, for Mo or V. Unless
stated, the alloys considered contained 1050 ppmw O (Ti-624xMo) and 1500 ppmw O (Ti-6Al-xV). The final isokinetic model plate lengths are tabulated for the
different cooling rates between 0.1 and 10 K s−1.
containing 1050 ppmw O, from x = 2 to 6, affects the transus by
around 25 K per 2 wt.% Mo; this will have a small effect on the
final plate lengths obtained. However, the effect of Mo content
on the supersaturations Ω obtained results in far larger changes
in V = 2D(T )P(Ω)/R and therefore in the final plate length,
which is reduced by two-thirds for every 2 wt.% Mo added.
A third compositional effect that can be examined is to com-
pare alloys where the β is primarily stabilised by Mo as the
slowest diffusing species to those where V is the slowest diffus-
ing species, as in Ti-6Al-4V. It is observed that the growth rates
in V-containing alloys are much faster than in Mo-stabilised al-
loys. In terms of Mo-equivalence, which refers to the β stabil-
ising effect of different elements, V is two-thirds as effective
as Mo (in wt.%) [1], so 4V is equivalent to 2.7Mo. However,
because of its higher diffusivity and the shape of the phase dia-
grams, a 4V containing alloy would possess faster plate growth
kinetics. Of particular note is the very lightly β stabilised alloy
with just 2V, which would be expected to experience very fast
plate growth.
These results are of utility to the alloy developer and heat
treatment designer, where in general the goal would be to fill
the prior-β grain with colony α, whilst leaving enough super-
saturation of α-stabilisers in the beta to allow for age-hardening
through the use of secondary α. This is of industrial relevance
as it allows determination of the maximum cooling rate that
can applied if the interior of the largest β grain is to be safely
reached by the Widmansta¨tten α growing from the grain bound-
ary. Therefore the distances found in Figure 13 can be treated
as the maximum β grain size that can be tolerated in the forg-
ing for a given cooling rate. In addition, as larger ingot oxygen
content will give rise to a higher transus temperature Tβ, this
means that elevated O contents will give rise to higher cooling
rates that can be used, or conversely larger prior β grain sizes
that can be tolerated; these are also depicted in Figure 13; how-
ever it should be cautioned that O effects are not large.
In the framework of Integrated Computational Materials En-
gineering (ICME), these results will be of utility to alloy de-
signers and processing engineers interested, for example, in de-
veloping alloys where the prior β grain can be filled with colony
αwhilst leaving a reservoir of supersaturated β from which sec-
ondary α can be precipitated on ageing.
6. Conclusions
A model for primary α plate growth in titanium alloys has
been presented and validated experimentally compared to both
observed plate growth rates and the diffusion field observed by
STEM-EDX and atom probe tomography. The following con-
clusions can be drawn.
1. Plate growth velocity depends sensitively both on the dif-
fusivity D(T ) and therefore on the rate-limiting species, and
on the Mo content through its effect on the supersaturation
Ω, which controls the dimensionless velocity or Peclet number
P(Ω). Therefore a maximum in plate growth velocities around
40 K below the transus is predicted.
2. At 850 ◦C the plate growth velocity was found to be
around 0.32µm min−1, which was in good agreement with the
model prediction of 0.36µm min−1, although this is dependent
on the diffusivity of the rate limiting species in the β and on the
plate width, neither of which are especially well known.
3. The solute field around the growing plates, and the plate
thickness, was found to be quite variable, as a result of the inter-
growth of plates and soft impingement. Nevertheless, the solute
field found around plates grown at 800 ◦C was found to extend
to up to ∼ 30 nm, and the interface concentration in the β was
found to be around 6.4 at.% Mo. This was in good agreement
with the thermodynamic and kinetic modelling predictions.
4. The sensitivity of the plate growth kinetics to alloy compo-
sition was examined. It was found that increasing O content had
little effect the plate lengths expected during continuous cool-
ing, through the effect on the solvus temperature. In contrast,
reductions in Mo content in Ti624-x alloys, and V content in Ti-
6Al-xV alloys, resulted in substantial increases in plate growth
kinetics, due to the effect on the supersaturations available. Al-
loys using V as the β stabiliser instead of Mo are expected to
have much faster plate growth kinetics.
In the framework of Integrated Computational Materials En-
gineering (ICME), these results provide a useful tool for the in-
tegrated design of alloys and process routes to achieve tailored
microstructures to maximise, e.g. high cycle fatigue strength.
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